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ABSTRACT    

Strain induced crystallization (SIC) of natural rubber (NR) is characterized during a cyclic 

deformation at room temperature and low strain rate (~10-3s-1) using in-situ wide angle X-rays 

scattering (WAXS) measurements. The crystallinity index (CI) and average size of the 

crystallites in the three main directions are measured during loading and unloading. A scenario 
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describing SIC is then proposed, assuming that SIC corresponds to the successive appearance of 

crystallite populations whose nucleation and growth depend on the local network density. From 

this scenario, a methodology, coupling experimental observations and thermodynamic 

description is developed to determine the distribution of the network chain density associated to 

the size of a corresponding crystallite population. Finally, complex cyclic tests are performed. 

They suggest the existence of a memory effect in the chains involved in crystallization, which 

eases the nucleation process of the crystallites. 

1. INTRODUCTION  

 The ability of natural rubber (NR) to crystallize under strain is often said to be at the origin of its 

enhanced mechanical properties, and particularly of its crack growth resistance1-5 and fatigue 

behavior6-8. Thus, strain induced crystallization (SIC) of NR has been widely studied since its 

discovery in 1925 by Katz9, and many theoretical descriptions10-14, experimental investigations15-

23 and reviews24, 25 are available in literature. SIC can be indirectly characterized by methods such 

as thermal measurements26-28, birefringence15, dilatometry29 or stress relaxation30. Moreover, its 

morphological features can be studied by electron microscopy (TEM) 31-35 and in-situ wide angle 

X-ray scattering (WAXS) experiments17, 19, 36-38. The aforementioned technique appears to be the 

most appropriate for understanding the mechanisms of SIC, as it gives significant information on 

the crystalline content, the crystallite size and their orientation. Besides, several thermodynamic 

models of strain induced crystallization of natural rubber are proposed in literature10-12, 14, 39. 

Nevertheless, few of these models are really connected to the analysis of the crystalline 

microstructure. The pioneering work in this domain is that of Flory12. The strength of his model 

lies in the fact that the crystallization is explicitly related to the mechanical response, and more 

specifically the relaxation of the amorphous phase, that has been evidenced experimentally18, 30, 38. 
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Later, Flory’s type models10, 11 accounted for the morphology of the crystals (folded or extended 

chains crystals). In these models, SIC is triggered by the density of the crosslinking nodes of the 

vulcanized NR. However, the vulcanized NR is depicted as an homogeneous material in all of 

these models, despite experimental evidence of its heterogeneous nature (studies based on 

SANS40,41, WAXS20,42, NMR43,44 and thermoporosimetry45 measurements). Homogeneous 

crystallization cannot correctly describe the influence of the network chain densities on this 

phenomenon. In particular, it has been extensively evidenced that the stretching ratio at 

crystallization onset λc, is around 4, regardless of the average network chain density (ν)17, 19, 37. By 

assuming that the orientation of the chains governs the SIC process, such experimental results 

evidences that the local network density of the first chains involved in SIC does not differ much 

from a material to another. Thus, Tosaka46 highlighted the importance of the heterogeneous 

nature of the vulcanized rubber. He considered the existence of two types of networks – one 

being responsible for rubber elasticity and the other one acting like a fluid mass – to describe the 

stress relaxation due to SIC. 

However, some questions remain unsolved, namely: how to identify the domains of the material 

involved in the SIC process? How to quantify the length of the chains in these domains? This 

paper aims to address these open questions thanks to the experimental determination of the 

crystallinity index and average crystallite size measured during cyclic tests at relatively slow 

strain rate and the analysis of these data from thermodynamic description. A methodology is also 

proposed to quantify the distribution of the local network densities involved in SIC process as 

well as the distribution of the corresponding crystallite size. In addition, original cyclic 

experiments are performed above the melting stretching ratio to study the influence of the 

material crystallization history on its ability to re-crystallize.   
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2. MATERIALS AND METHODS  

2.1. MATERIALS 

A crosslinked unfilled NR, obtained by vulcanization of NR gum is considered in this work with   

the following recipe:  rubber gum (100phr) which is a Technically Specified Rubber (TSR20) 

provided by Michelin Tire Company, stearic acid (2 phr), ZnO (1.5 phr), 6PPD (3phr), CBS (1.9 

phr) and sulphur (1.2 phr) (where phr means g per 100g of rubber). The material has been 

processed following the Rauline patent 47. First, the gum is introduced in an internal mixer and 

sheared for two minutes at 60°C. Then, the vulcanization recipe is added and the mix is sheared 

for five minutes. Afterwards, the material is sheared in an open mill for five minutes at 60°C. 

Sample sheets are then obtained by hot pressing at 170°C during 13 minutes. Dumbbell-shaped 

samples, with a 6mm gauge length (l0) and 0.8 mm thickness, are machined. The number density 

of the elastically effective sub-chains (so called hereafter average network chain density ν) was 

estimated from the swelling ratio in toluene and from the Flory-Rehner equation48 and found 

equal to 1.4.10-4 mol.cm-3. The density is tuned so that (i) it is close to the optimum network 

density enhancing the development of strain induced crystallization17, (ii) it is high enough to 

avoid the inverse Yield effect18, an undesired phenomenon in slightly vulcanized rubbers. In 

order to avoid microstructure modification during the different mechanical tests, i.e. an 

uncontrolled Mullins effect, the samples are stretched four times up to stretching ratio (λ=7) 

higher than the maximum stretching ratio reached during the in-situ cyclic tests (λ=6)  

2.2. IN-SITU WAXS ANALYSIS 

The in-situ WAXS measurements are carried out on the D2AM beam-line of the European 

Synchrotron Radiation Facility (ESRF). The X-rays wavelength is 1.54 Å. The cyclic tensile 
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tests are performed at room temperature (21°C) and low strain rate (𝜆̇ = 4.2.10-3s-1) to avoid self-

heating. The nominal stretching ratio λ, defined as the sample length l divided by l0, is measured 

by videoextensometry. The two-dimensional (2D) WAXS patterns are recorded by a CCD 

Camera (Princeton Instrument). The beam size is small enough (300 µm*300 µm) to avoid 

superimposition with the scattered signal. The background, (i.e. air scattering and direct beam 

intensities) is properly measured in absence of any sample. It can then be substracted to the total 

intensity scattered in the presence of the rubber sample. The corrected scattering intensity is 

finally normalized by the thickness and the absorption of the sample. Each scattering pattern is 

integrated azimuthally. The deconvolution of the curve I=f(2θ) enables the extraction of the 

intensity at the peak top and the width at half height of each crystalline peak and the intensity at 

the peak top of the amorphous phase. The crystallinity index CI is then determined as follow49: 

𝐶𝐼 =
𝐼&' − 𝐼&)
𝐼&'

	

             (1) 

Where Ia0 and Iaλ are the intensities of the amorphous phase at the peak top in the unstretched 

state and the stretched state, respectively. To our opinion, this method is the most appropriate 

one to evaluate the absolute crystallinity in the sample because CI does not depend on the 

estimate of the crystalline peaks area, which can be strongly attenuated or even be in extinction 

position.  

The average crystallite sizes Lhkl (L200, L102 and L002) in the direction normal to the (hkl) planes, 

are estimated from the Scherrer equation: 

𝐿,-. =
𝐾𝜆0

𝛽2/4𝑐𝑜𝑠𝜃
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              (2) 

where λw is the wavelength and θ is the Bragg angle. In this study, each crystalline peak is fitted 

with a Lorentzian function in which the width at half-height is b1/2. According to the fitted 

parameters, K value is 0.64 50. In order to observe the (002) plane diffraction, the tensile test 

machine is tilted by an angle around 10°.  

3. RESULTS 

3.1. ANALYSIS OF SIC PHENOMENON  

The behavior of the vulcanized NR  stretched from λ=1 to 6 and then unloaded is first reported. 

The crystallinity index, the size of the crystallites in the three main directions (L200, L120, L002) and 

the average number of crystallites per unit of volume are displayed on figures 1, 2 and 3 

respectively.  

 

Figure 1. CI versus the stretching ratio during cyclic deformations with maxima at λ=5.1 (cross 

symbol) and λ=6 (plus symbols). Cumulative values of CI obtained by discretization used for the 

model are presented in filled symbols (circles for loading and triangles for unloading). The 
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arrows indicate the direction of the cycles. Horizontal line shows the CI evolution predicted by 

the model after stretching at λ=5.1 and λ=6. 

  

Figure 2a. Crystallite sizes L200 and L120 versus the stretching ratio for the test with λmax=6 (plus 

symbols). Filled symbols correspond to the cumulative average crystallite size extracted from 

discretization. 2b. Crystallite size L002 versus the stretching ratio. The dotted line is a guide for 

the eyes. 

 

Figure 3. Experimental average number of crystallites per unit of volume (plus symbols) and 

cumulative number estimated from the model (filled symbols).  
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The crystallinity index curve (figure 1) shows a classical trend: the crystallinity appears upon 

stretching for a critical stretching ratio λc=4.3 and CI reaches a maximum value of 14% at λ=6. 

During unloading, the crystallites melt. This process is completed at λm equal to 3.2. Figure 1 

also presents the result for a sample stretched up to 5.1, and then retracted. It can be noted that 

the loading curves are superimposed and the unloading curves merge when λ~3.5, i.e. before the 

melting of all crystallites. At a given stretching ratio, the two CI curves exhibit an hysteresis 

shape with a CI ratio always higher during the unloading than during the loading. A possible 

explanation is that part of this hysteresis results from a delay of crystallization. Thus, a sample is 

stretched and kept at the maximum stretching ratio λmax=6 during several minutes instead of 

being retracted, in order to investigate the role of the crystallization growth on this hysteresis. As 

already observed by other authors36, 51, the crystallinity does not significantly evolve over the 

duration of the experiment (i.e. less than 1% in our case after five minutes spent in the deformed 

state). Actually, the SIC kinetics has been recently evaluated by stroboscopic experiments 52, 53 

and “impact tensile tests” 54, 55. In these studies, it was shown that, if the stretching ratio is high 

enough (above 4), SIC characteristic time is of the order of 10-100msec, which is much shorter 

than the range of stretching time of the present experiments. Moreover, no supplementary 

increase of the average crystallite volume is observed during the relaxation step. Thus, it can be 

considered that the growth rate and the nucleation rate are large enough for the crystallization to 

be completed during the stretching step. The delay of crystallization classically observed during 

temperature-induced crystallization is called supercooling: a nucleation barrier, related to the 

excess surface energy of the new crystalline phase, must be overcome to enable the growth of the 

crystallite nuclei. In our case, the crystallization is strain induced. Consequently the delay of 

crystallization can be understood as a “superstraining” phenomenon. 
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According to Bunn 56, the crystal structure of the polyisoprene is monoclinic (β=92°). Based on 

the Nyburg’s model57, Benedetti58 rather proposed an orthorhombic structure, which space group 

is Pbca. The size of the unit cell is defined by the following parameters: a= 12,54Å, b=9.04Å 

(perpendicular to the chain axis) and c=8.29Å (parallel to the chain axis). Immirzi et al. proposed 

a model based on the pseudo-orthorhombic (monoclinic) structure 59, which is consistent with the 

model of Bunn. In his recent two-dimensional simulation approach, Che et al.60 reported a 

monoclinic structure and gave corrections to the unit cell of SIC. The following lattice constants 

were proposed: a=13.048Å, b=9.391Å and c=8.551Å. It finally appears that the crystal structure 

of the polyisoprene chains has not been completely clarified yet. In our paper, only the order of 

magnitude of the crystal lattice must be kept in mind. 

Experimentally, only the crystallite sizes L200 (along the direction “a”), L002 (along the stretching 

direction “c”) and L120, are measured. As shown in figure 2b, L002 immediately reaches a value 

around 90Å and only slightly decreases down to 85Å. By considering the error bar (+/-5Å), the 

weak variations of this size during the cyclic test is considered constant. It is worth noting that 

the value of L002 is close to the ones reported in literature22, 34. Conversely, L200 and L120 evolve 

during the stretching and reach for the highest stretching ratio 86Å and 32Å, respectively.  

Several studies reported that, during stretching of unfilled NR up to a l of 6, the three 

dimensions of the crystal lattice change by a maximum of 1% 19, 61. In our experiments, we found 

that the crystal lattice is strained by -0.7%, -0.9% and 0.4% along the a, b and c-directions 

respectively. It is noteworthy that the peak shifts on the diffraction pattern (plotted in 2q), from 

which these values are deduced (-0.0017rad, -0.0033rad for a and b respectively), are much 

lower than the variations of the peak widths from which L200 and L120 are calculated (-0,0083rad 
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and -0,013rad respectively). For this reason, we are confident that the variations of the crystallite 

dimensions are not an artifact due to a change of the sizes of the crystal lattice. Note also that the 

peak shift related to the c direction is 7% of the peak width related to L002: this supports our 

approximation of L002 constant with l. 

The ratio between L120 and L200 is found roughly equal to 1/3, whatever the stretching ratio. This 

is consistent with previous studies on materials with similar network chain densities17, 19, 37. The 

increase of the crystallite sizes with stretching ratio is also in agreement with studies on filled 

and unfilled rubbers17, 62 but in disagreement with other works that report no evolution63 or a 

decrease with the stretching ratio19,37. Originally, these discrepancies should come from the 

difficulty to accurately estimate the width at mid-height of the crystalline peak when the 

diffracted intensity is weak. To overcome this limitation, our strategy, consisted in the 

deconvolution of the WAXS patterns from the higher to the lower level of crystallinity. Note that 

even if we are confident on the accuracy of our WAXS analysis, it should be interesting, in a 

further work, to use the new capabilities of electron microscopy to confirm the values of the 

crystallite sizes, and to have more insights on their microstructure (chain folding or extended 

chains). 

 Similarly to the CI, the size of the crystallites L200 and L120, at a given stretching ratio, are found 

higher upon unloading than upon loading. Note that no morphological change is observed 

between loading and unloading steps at any given CI. In particular, the relation between the sizes 

(L200 and L120) and CI is not modified. Similar relations are observed for the test carried out at 

λmax=5.1 (unpresented data). This suggests that the hysteresis cannot be caused by a 

morphological change of the crystallites during the unloading step. 
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From these data, a scenario for SIC is proposed: a nucleus is first created from chains portion 

aligned in the stretching direction (L002) and the crystallite then grows rapidly up to its final size. 

To set the order of magnitude, L002 corresponds to 22-23 isoprene mers (the distance between two 

isoprene units is around 4Å) whereas the average isoprene mers number between two crosslink 

points in the studied NR is around 100. Since the average distance between adjacent chains is 

around 6Å, the maxima values for L200 and L120 correspond to 14 stacks in the “a” direction and 5 

stacks in the “b” direction.   

Moreover, with the angle between the (120) and the (020) directions equal to (19°), the value of 

L020, is approximated as 0.94L120. Ultimately, the average volume of the crystallites Vc becomes:   

𝑉: = 𝐿4''𝐿'4'𝐿''4 = 0.94𝐿4''𝐿24'𝐿''4 

                                 (3) 

Under the hypothesis of crystallites with identical dimensions for a given level of stretching 

ratio, an average number of the crystallites per unit volume N can be deduced: 

𝑁 =
𝐶𝐼
𝑉:

 

                                 (4) 

As for the crystallinity index and lengths in the orthogonal directions, the average number of 

crystallites per unit volume is higher during unloading than loading for a given stretching ratio 

(figure 3). 

The strong variation of the crystallites number with stretching ratio, the strain rate being slow 

compared to the nucleation and melting rates, suggests the existence of several crystallite 



 12 

populations. The only possible explanation is the presence of network chain densities 

heterogeneities. The effect of the average network chain density (n) on the crystallite sizes is 

documented in literature: the higher the network chain density, the lower the crystallite sizes17, 19, 

37. The limiting phenomenon for this size is however not clear. Moreover, if the chemical 

crosslink of the network is homogeneous, Ikeda et al.64 demonstrated that the higher n, the lower 

the stretching ratio at crystallization onset (lc). The consequences of the previous assertions on 

the SIC of a heterogeneously crosslinked network should be the presence of numerous crystallite 

populations with different sizes. Namely, when the stretching ratio reaches lc, the first 

population appears. The corresponding crystallite size is small because of the high local network 

chain density of the sample zone where SIC takes place. When the sample is stretched above lc, 

other regions with a lower network chain density reach the critical stretching ratio to induce SIC 

with crystallites of bigger sizes. Within this frame, the distribution of crystallite populations, 

their size and the critical stretching ratio at which they appear depend on the heterogeneity of 

network chain density.  

Moreover, during unloading, for the samples stretched at intermediate stretching ratio 5.1, CI 

decreases only from 5% to 3% prior to reaching the melting curve obtained with lmax equal to 6. 

The melting point is thus found not to depend on the maximum stretching ratio previously 

endured by the material. This is consistent with data reported on filled and unfilled rubbers18, 

suggesting that, as for the theoretical frame proposed here, the first crystallites formed during 

loading are also the last to melt during unloading. 

3.2. THERMODYNAMIC DESCRIPTION OF STRAIN INDUCED CRYSTALLIZATION  
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Before considering the different crystallite populations, we first present the classical theory of 

phase transition adapted to polymers65 to describe the crystallization of NR. The description is 

limited to quasi-static testing conditions so that the rate of crystallization is much higher than the 

strain rate, and the crystals assumed to grow spontaneously (compared to the duration of the 

experiment) up to its maximum size in the directions orthogonal to the stretching direction, with 

a constant length along the stretching axis.  

The free energy of formation of a crystallite Δφ with a parallelepipedic shape (figure 4) is 

classically written 

∆𝜑 = 2𝑐2(𝑎2 + 𝑏2)𝜎 + 2𝑎2𝑏2𝜎J − 𝑎2𝑏2𝑐2∆𝐺L(𝑇, 𝜆) 

               (5)  

Where c1, a1 and b1 are the sizes of the crystallites in the directions (002), (200) and (020) 

respectively. σ and σe are the  lateral and chain end surface energies.   

 

   

Figure 4. Schematic representation of the SIC from the initial stage at which the nucleus has the 

necessary critical dimensions for its stability until the end of the growth process where the 

crystallite reaches its saturated dimension. It is assumed that the final crystallite is mainly made 
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of folded chains and that the growth from the nucleus (star symbol) to the saturated dimension is 

instantaneous compared to the experimental time. 

It is worth noting that the introduction of surface energy is mandatory to enable the description 

of the superstraining effect. ΔGm is the melting Gibbs free energy, which at a given stretching 

ratio l and temperature T, can be written as follows: 

∆𝐺L(𝑇, 𝜆) = ∆𝐻L,) − 𝑇∆𝑆L,) 

                          (6) 

In the literature, the evolution of the crystalline lattice parameters according to l was found too 

small to have any influence on the melting enthalpy13, 66. Consequently, as a first approximation, 

DHm,l is assumed to be independent of the stretching ratio and named DHm in the following. 

DSm,l is the entropy of the chains at the stretching ratio λ and is written:  

∆𝑆L,) = ∆𝑆L,2 + ∆𝑆QJR 

                                              (7) 

where DSm,1 is the melting entropy of the crystalline phase of an unstretched polymer and DSdef is 

the entropy change caused by stretching up to l. 

DSm,1 is obtained from the equilibrium state between crystallized and melted chains in the 

undeformed state (DGm=0)  at Tm,∞ (equilibrium melting temperature of the infinite crystal):  

∆𝑆L,2 =
∆𝐻L
𝑇L,S

	

     (8) 
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Assuming Gaussian chains behavior for the polymer66, 67, DSdef is written:  

∆𝑆QJR = −
𝜈𝑅
2 V𝜆4 +

2
𝜆 − 3X	

         (9) 

where ν (mol.cm-3) is the network chain density, R (8.314 J.mol-1.K-1) the constant of ideal gases. 

Finally, the change of the melting Gibbs free energy of a stretched polymer is: 

∆𝐺L(𝑇, 𝜆) = 	∆𝐻L V
𝑇LS − 𝑇
𝑇LS

X +
𝜈𝑅𝑇
2 V𝜆4 +

2
𝜆 − 3X	

   (10) 

It is worth noting that equation 10 corresponds to the simplified expression of the Gibbs free 

energy developed by Flory12.  According to his theory, the crystallite growth should decrease the 

strain energy of the remaining amorphous part of the chain. Therefore, n and l should be 

affected by the increase of crystallinity. This aspect is not taken into account in our simplified 

equation. The free energy of crystallization is finally written: 

∆𝜑 = 2𝑐2(𝑎2 + 𝑏2)𝜎 + 2𝑎2𝑏2𝜎J − 𝑎2𝑏2𝑐2 Y∆𝐻L V
𝑇LS − 𝑇
𝑇LS

X +
𝜈𝑅𝑇
2 V𝜆4 +

2
𝜆 − 3XZ					

  (11) 

For NR, Tm,∞ is equal to 35.5°C 68. The classical Gibbs-Thompson theory considers that thermally 

induced crystallites are mainly developed in the directions perpendicular to the chain end surface 

(a1 and b1) whereas the dimension c1 is small. As a result, with σ and σe being of the same order, 

it is generally assumed that 2c1(a1+b1)σ is much lower than 2a1b1σe. From WAXS experiments, 

the volume of the strain induced crystallites is found to be more cubic and this assumption is not 
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valid anymore. With the assumption of a strain rate much lower than the rate of crystallization, it 

can be proposed that crystallites appear when a nucleation barrier has been reached in the three 

principal directions. This barrier is related to the crystallites surface energy leading to the 

following equations: 

𝜕∆𝜑
𝜕𝑎2

\
&2]&∗,)]):

=
𝜕∆𝜑
𝜕𝑏2

\
_2]_∗,)]):

=
𝜕∆𝜑
𝜕𝑐2

\
:2]:∗,)]):

= 0	

  (12) 

𝑎∗ =
4𝜎

Δ𝐺L(𝑇:, 𝜆:)
, 𝑏∗ = 𝑎∗,

𝑐∗

𝑎∗ =
𝜎J
𝜎  

                                         (13) 

Tc is the temperature of crystallization, equal to room temperature in this study. The surface 

energies can be estimated with use of a modified Thomas-Stavley relationship69:   

𝜎 = 𝛼Δ𝐻L(𝑒𝑑)
2
4d  

                                                  (14) 

With a~0.1 for all polymers 69, DHm=6.1.107J.m-3 70, e=0.445 nm and d=0.623 nm (d and e 

correspond to the distance between two polymer chains along b and a crystallographic axis 

respectively). Note that  se is almost equal to twice s in the case of cold crystallization of natural 

rubber32, i.e. for folded chains crystallites. For SIC, it seems reasonable to consider that polymer 

chains crystallites are first generated from a nucleus of few extended chains from which folded 

lamella quickly grows. Different arguments plead for such scenario: L002 is found stable 

conversely to the average lateral size of the crystallite, which vary with the stretching level. 

Secondly, one must recall that the chains stretching is still relatively low when crystallization 
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occurs (the chain end to end distance is only multiplied by a factor of four so that the chains are 

far from being totally aligned). Finally, the morphology of the strain-induced crystallites is 

assumed to be mainly of folded chains type, similar to cold crystallization morphology. 

Consequently, the se/s ratio is kept equal to 2 and from the  Thomas-Stavley relationship,  s is 

equal to 0.33.10-2 Jm-2  and  se  to 0.66.10-2 Jm-2.  

During unloading, it is also assumed that before their melting, the crystallites keep their final 

dimensions (so-called saturated dimensions asat, bsat and csat). The question that arises is the reason 

for this limited growth. According to Flory (growth model), the crystallite growth is possibly due 

to a mechanical relaxation of the remaining amorphous part of the chains. Thermodynamically, 

crystallization can occur because the energy balance is favorable (lower entropic energy). At 

higher stretching level, a larger number of mers are included into the crystallite. This tends to 

strongly attenuate the mechanical relaxation and thus explains why crystallite growth is finally 

stopped. The crystallite growth might also be limited by the presence of crosslinks surrounding 

the crystallites, because of the topological constraint they create71. Indeed, during crystallization, 

crosslinks and entanglements originally in the crystallizing phase are gradually repulsed out of 

the crystallites and accumulated in the crystallite neighborhood. Theoretically, this can be 

pictured by an increase of the surface energy, and therefore must be accounted for in the 

equation of the crystallization free energy. Such a development is proposed by Hoffman in his 

work related to flow induced crystallization in polyethylene systems72. Another hypothesis is to 

consider that this phenomenon does not change the global thermodynamic equilibrium 

description. This second option is preferred. 

Finally, within the proposed framework, the description of strain induced crystallization is very 

similar to the one of thermal induced crystallization and the reason for a limited size of the 
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crystallite is not included in the thermodynamic equations. The limiting conditions for the 

melting of the crystallites are reached when the amorphous and crystalline phases are in 

equilibrium, i.e. when the free energy of crystallization is equal to zero: 

Δ𝜑)&efg,_efg,:efg,)h,ih = 0 

                 (15) 

 Finally, the change of the melting Gibbs free energy of a stretched polymer can be deduced 

using equation 15, and the values of asat, bsat and csat determined experimentally: 

𝑎j&k =
8𝜎

Δ𝐺L(𝜆L, 𝑇L) −
2𝜎J
𝑐j&k

	 , 𝑏j&k =
𝑎j&k
3 , 𝑐j&k = 𝐿''4 

                            (16) 

The relation between bsat and asat is an a-priori assumption which is justified by the experiments 

described above. Equation 16 predicts that for a fixed melting stretching ratio λm, high enough to 

neglect the contribution of the enthalpy term and the chain end surface energy term, the 

saturation radius asat should be proportional to the inverse of the network chain density ν. In other 

words, it should be proportional to the average number of monomers between crosslinks N= 

ρ/M0ν with M0=64g.mol-1 the molecular weight of a monomer.  

The previous thermodynamic development can describe SIC of a rubber with a homogeneous 

network chain density ν and therefore a unique crystallite size. In the following paragraph, we 

propose to extend this description to analyze SIC in rubber in which the network is 

heterogeneous. 

3.3. DETERMINATION OF CRYSTALLITE POPULATIONS  
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As already evoked in the previous sections, it has been widely shown that NR crosslink density 

is heterogeneous. Thermoporosimetry presented in appendix and data reported in the literature 

strongly support this idea. The evolution of the average number of crystallites legitimates the use 

of several crystallite populations of different sizes to describe SIC of NR. Each population is 

associated to a specific network chain density. It is characterized by a stretching ratio at 

crystallization onset λc,i, a melting stretching ratio λm,i, a critical and a saturated radius, a*
i and 

asat,i  respectively. It must be recalled here the empiric relation between the average lateral 

crystallite sizes: L120=1/3L200. We assume the same relation for each crystallite population, i.e. 

bsat,i  = 1/3asat,i. Because L002 does not significantly vary during the mechanical cycle, the values 

csat,i of the different populations are all assumed equal to L002 =85Å. Even if the strain rate chosen 

for our experiments is sufficiently low to significantly avoid delay of crystallization, nucleation 

and growth are intrinsically kinetic phenomena. Conversely, melting seems poorly strain rate 

dependant as recently shown by Brüning55. Consequently, we propose that the melting profile 

should be a priori the most adapted curve for a thermodynamic description of SIC. The 

distribution of the population is obtained thanks to a discretization of the melting curves giving 

the crystallinity and the length of the crystallites L200 as a function of the stretching ratio during 

unloading (filled data points in figure 1 and 2). The discretization of the sizes L120 is a hard task 

because of its low values. They are deduced from the discretized values of L200 by applying the 

factor 1/3, as previously discussed. The stretching ratio increment Δλm is chosen equal to 0.3 so 

that the melting curves of figure 1 can be described by 9 populations. The discretization 

procedure also assumes that the local stretching ratio of the chains involved in the population i is 

equal to the macroscopic deformation λc,i. mechanically, this means a parallel combination of 

these populations, i.e. a co-continuous arrangement. A serial/parallel model is probably more 
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appropriate, but is not developed in the present paper in order to keep a simple analytical 

approach.  

The crystallite characteristic extracted from WAXS measurements are necessarily averaged, as 

discussed above. CIi, Ni and Vi are the values of CI, N and V related to a given population i. 

Such values are incrementally deduced from the knowledge of the characteristics of the 

population i-1: 

𝐶𝐼m = 𝐶𝐼 −n𝐶𝐼o

mp2

o]2

					 ; 	i > 1	

                                                               (17)	

𝑁m = 𝑁 −n𝑁o

mp2

o]2

					 ; 	i > 1	

	

                                                               (18)	

𝑉m =
𝐶𝐼m
𝑁m
	

                                                               (19) 

The most thermodynamically stable population is the first formed during loading (i.e. the first to 

reach the necessary superstraining state) and the last to melt during unloading. Its crystalline 

fraction corresponds to the experimentally measured CI and its size corresponds to the size 

measured by WAXS. This, in turn, enables to deduce the volume V1 of the crystallites and 

therefore their number N1. 

νi involved in the considered population can been deduced from:  
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𝜈m =

16𝜎
𝑎j&k,m

+ 4𝜎J
𝑐j&k,m

+ 2∆𝐻L∆𝑇𝑇L,S

𝑅𝑇 V𝜆L,m4 + 2
𝜆L,m

− 3X
	

                     (20) 

The elastically effective network chain density νi is related to chemical crosslinks but also 

trapped entanglements. Because of the slow strain rate used in our study, it is reasonable to 

neglect the contribution of the free entanglements in the SIC process. Mi is thus defined as the 

molecular weight between chemical crosslinks and trapped entanglements: 

𝑀m =
𝜌
𝜈m
	

       (21) 

With ρ=0.92 g.cm-3. From the knowledge of νi and λi, a critical radius ai
*

 can be deduced:   

𝑎m∗ =
4𝜎

∆𝐺Lx𝑇:,m, 𝜆:,m , 𝜈my
 

(22) 

Parameters deduced from the above calculations are plotted against the molecular weight Mi of 

each population in figure 5a and 5b. λc,i and λm,i increase with Mi. The first crystallites that 

appear are made of short chains. The crystallites made of long chains crystallize at larger lci, are 

the largest, thermodynamically less stable, and melt first during unloading. Note that this is the 

opposite of what is generally observed in thermal crystallization, where the smallest crystallites 

melt first. 
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Figure 5b also shows that the critical radius a1
* increases with the molecular weight. The smallest 

one (first crystallite size population) is found equal to 12Å. From equation 13, b1
* is equal to 12Å 

and c1
* to 24Å. Within the theoretical frame used here, strain induced crystallization of natural 

rubber is initiated from nucleus whose size is in the range of the crystal lattice. This is in 

agreement with previous works related to thermally generated crystallites of natural rubber71, 73. 

In addition, the molecular weight Mi of the elastically effective network chains involved in the 

first crystallites population is around 2200g.mol-1. This value is 3 times lower than the average 

molecular weight of the elastically effective network chains deduced from swelling 

(M≈6500g.mol-1).  

The calculated saturated radius asat,i increases with Mi. As discussed above (see equation 16), this 

result is almost intuitive considering a homogeneous network. In the model, this saturation radius 

is experimentally related to both melting stretching ratio and network chain density. It increases 

with increase of the first parameter but decreases with the second one. The variations of λm,i² (for 

λm varying from 3.2 to 5.6) are weaker than the ones of the density νi (from 2200 to 27000 g.mol-

1 in molecular weight units). Hence, the network chain density is finally the predominant 

parameter that controls both the nucleation and the size of the crystallites.  
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Figure 5a. Crystallization stretching ratio (circles) and melting stretching ratio (triangles) of the 

populations versus their molecular weight. 5b. Critical radius (circles) and saturation radius 

(triangles) of each population involved in the SIC as a function of the corresponding molecular 

weight. Lines are guides for the eyes. 

 

The values of asat,i  and bsat,i for the five first populations (i.e. before the saturation of the values 

asat, cf. figure 5b) are now plotted as a function of the distance between crosslinks ri. Following 

Trabelsi et al.37, the ri value for unstretched chains can be deduced from the relation 

ri=0.8(ρ/νi)1/2, with ρ the rubber density (in g.mol-1). A linear evolution is found between the 

saturation sizes and ri (see figure 6). The average sizes of the crystallites reported in the literature 

are added to the plot. For all these works, SIC is analyzed during cyclic deformation at RT 

performed in the same range of strain rate as the one of our. The extracted values of average 

crystallite sizes in the directions (200) and (120) are all measured at the maximum stretching 

ratio of the loading. Besides, the average network chain densities of the samples tested have been 

estimated thanks to swelling in toluene and from the Flory Rehner equation, similarly to the 

protocol followed in our study. As shown in figure 6, linear evolutions are found with slopes 

varying from 1.39 to 2.04 for L200 and from 0.48 to 0.87 for L120. The data are in good agreement 

with our model prediction, suggesting that the crystallite sizes and network chain densities 

distributions are realistic as they cover the range of average values from literature. The present 

methodology has also been successfully applied to other vulcanized rubbers with different 

average network chain densities and again shows very similar correlations between the size of 

the crystallites and the distance between nodes (linear fit with similar slope factors, with a very 

close distribution for all samples).  
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Figure 6. Crystallite size populations asat,i (200) and bsat,i (120) versus distance between crosslinks 

ri deduced from the model (filled symbols). Average crystallite sizes L200 and L120 versus the 

average distance between crosslinks from the literature: ref. 37 (cross symbols), ref. 19 (circle 

symbols), ref. 17 (square symbols).  Average values measured at λ=6 and RT from own NR 

samples (including the NR tested in the present study) are also added (diamond symbols). 

Ni is now plotted as a function of the molecular weight Mi (figure 7a) and as a function of the 

crystallite size (figure 7b). Both distributions are centered on the very first populations. Despite 

their small sizes, the large number of crystallites in the first populations suggests that the 

smallest crystallites are finally the main contributors to SIC. The distribution broadens at higher 

molecular weight. The large molecular weight of the last populations, up to 4 times higher than 

the average molecular weight M deduced from swelling measurements (6500g.mol-1), suggests 

that the network density distribution is highly broad. This observation is in agreement with 

thermoporosimetry experiment (refer to figure A1 in the appendix).  

Using the parameters deduced from the experimental data with a maximum stretching ratio of 6, 

the CI-λ curve for cycle with a maximum stretching ratio of 5.1 is calculated and plotted on 
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figure 1. Obviously, the stretching part is superimposed to the experimental data since these ones 

are superimposed to the data obtained with λmax equal to 6. For the melting curve, the model 

however predicts a plateau while the experimental data show a slight decrease of CI before it 

reaches the reference melting curve. This slight discrepancy has likely its origin in the strong 

assumptions of the model. Each crystallite population is assumed to be stabilized at its maximum 

value, and this saturated size is assumed to be independent of the stretching level, until the 

stretching ratio below which it can melt is reached. Nevertheless, the maximum stretching ratio 

might influence the global final size distribution of the crystallite, at least for the largest 

populations.  

  

Figure 7a. Distribution of the molecular weight Mi and 7b. Distribution of the crystallite size 

populations asat,i involved in SIC. The arrow indicate the values of the average molecular weight 

between nodes M (7a) and the average saturated size L200 (7b) at the maximum stretching ratio 

λ=6. Y axis indicates the number density of crystallites of each population estimated from 

equation 18. 
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3.4. CYCLIC DEFORMATION FROM DIFFERENT PRESTRETCHED STATES 

A NR sample is now cyclically deformed several times up to the same final stretching ratio λmax 

equal to 6. The test is carried out at room temperature and slow strain rate. The specificity of this 

test is that the minimum stretching ratio reached during unloading progressively decreases with 

the cycle number. The mechanical history of this test is summarized in figure 8.  

 

 Figure 8. Stretching ratio as a function of the experimental time. The test is made of four cyclic 

deformations (a, b, c and d). The maximum stretching ratio is λ=6 and the minimum stretching 

ratio progressively decreases from λmin=4.6 to λmin=1. Successive loading and unloading phases 

are numbered from 1 to 8. 

 

Figure 9 presents the evolution of CI during the different cycles (a-d). For the first cycle in the 

pre-stretched state (so-called cycle b), the cyclic deformation only exhibits weak crystallinity 

hysteresis. A higher hysteresis is found for cycle c.  At the end of the cycle c, all the crystallites 

have melted and the crystallinity exhibits the classical hysteresis (cycle d). Note that all the 
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melting curves are superimposed to the one obtained with the unique cycle presented in the 

previous parts. This result shows that no cumulative effect is observed on CI by addition of 

cycles carried out above the melting stretching ratio λm. In particular, if the final stretching ratio 

reached during such cycles does not exceed the maximum stretching ratio of 6, pre-stretching the 

sample does not affect the shape of the melting curve. Consequently it supports the choice of the 

initial melting curve, as a reference for the discretization of the crystallite populations. 

  

   

Figure 9. Cyclic deformation after various pre-stretching. Figures a-d correspond to cycles a-d 

as defined in figure 8. Experimental data are given in cross symbols. The continuous lines give 

the shape of the CI curve used for the model (refer to figure 1). Continuous arrows indicate the 
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direction of the cycles and dotted arrows the way that should be followed by prediction of the 

model. 

 

Average size of the crystallites is also studied (figure 10). The relation between CI and the 

average size of the crystallites in the three main directions is independent of the different cycles 

and exhibits a unique curve. Thus the application of various pre-stretching has no influence on 

the strain induced crystallization measured at the maximum stretching ratio (with the slow strain 

rate used for these experiments): the crystallite populations successively melt and re-crystallize 

to finally provide the same crystalline state at the maximum stretching ratio. The model would 

predict that the populations melted during partial unloading should only re-nucleate if the critical 

stretching ratio is reached again during loading. Consequently, within this scenario, plateaux 

should have been observed for loading phases of cycles b and c (namely phases 3 and 5), as 

illustrated by dotted arrows on figure 9.  Within the frame of the model the only explanation is 

the following: if the macromolecules have not totally relaxed during unloading (this is likely 

since the material is still stretched), re-nucleation can be eased, suggesting a memory effect of 

the chains alignment. 
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Figure 10. L200 and L120 as a function of CI for the different cycles: a (diamond symbols), b 

(cross symbols), c (circle symbols) and d (square symbols).  

 

These new results emphasize the necessity to pursue experimental investigations in order to 

better understand and describe SIC of NR.  From an experimental point of view, it also shows 

that the crystallinity index during a fatigue test can be estimated from the melting curve alone, as 

far as the minimum stretching ratio is not too close from the one needed for a complete melting.   

CONCLUSION 

From the observation of in-situ wide angle X-rays scattering (WAXS) performed during a cyclic 

test at slow strain rate, a scenario for strain induced crystallization (SIC) of natural rubber (NR) 

is proposed. The presence of different crystallite populations related to different network chain 

densities in the material is assumed. The crystallization is thought to be the result of the 

progressive nucleation and instantaneous growth of these populations. Following these ideas, a 

model is developed to describe both the crystallization and the melting curves ( i.e. the 
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crystallinity index and the crystallite size as a function of the stretching ratio). From this 

description, the size of the crystallite populations increases and the network chain density 

associated to them decreases when the stretching ratio increases. Additional original cyclic 

experiments performed above λm also evidence that, even after their melting, the chains of the 

crystallites keep the memory of their alignment (as far as the stretching ratio has not been 

decreased down to λm) and ease the re-nucleation process during reloading. 
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APPENDIX 

Thermoporosimetry experiments: samples are put into a solvent (cyclohexane) during 3 days in 

order to reach the swelling equilibrium. They are then extracted and put into an aluminium 

crucible. The melting behaviour of the solvent in the samples is studied using a Perkin Elmer 

Pyris diamond DSC (Differential Scanning calorimetry). First, the sample is cooled down to - 

50°C at 10°C/min followed by an isothermal step at –50°C for 2 min. Finally, the sample is 

heated at 10°C/min up to +30°C. The melting curve is given in figure A1. The first peaks that 

appear during heating correspond to the melting of the cyclohexane entrapped in the network. 

The last peak (around 3°C) corresponds to the melting point of free cyclohexane (i.e. in excess). 

Melting peaks are deconvoluted by use of asymmetric Lorentzian functions. The broad 

distribution of the melting temperature certainly attests for the large distribution of the chain 

length between croslinks. 
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Figure A1. Melting curve of NR sample normalized by the weight of the sample. Melting peaks 

deconvoluted with Lorentzian functions (dotted lines for peaks of the cyclohexane entrapped in 

the network and solid line for free cyclohexane).  
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