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Abstract
According to the modern theory damage evolution under neutron irradiation depends on the
fraction of self-interstitial atoms (SIAs) produced in the form of one-dimensionally glissile
clusters. These clusters, having a low interaction cross-section with other defects, are absorbed
mainly by grain boundaries and dislocations creating the so-called production bias. It is known
empirically that addition of certain alloying elements influence many radiation effects, including
swelling, however the mechanisms are unknown in many cases. In this paper we report the
results of an extensive multi-technique atomistic level modeling study of SIA clusters mobility in
bcc Fe-Ni alloys. We have found that Ni interacts strongly with the periphery of clusters
affecting their mobility. The total effect is defined by the number of Ni atoms interacting with
the cluster at the same time and can be significant even in low-Ni alloys. Thus 1nm (37SIAs)
cluster is practically immobile at T<500K in the Fe-0.8at.% Ni alloy. Increasing cluster size and
Ni content enhance cluster immobilization. This effect should have quite broad consequences in
void swelling, matrix damage accumulation and radiation induced hardening and the results
obtained help to better understand and predict the effects of radiation in Fe-Ni ferritic alloys.
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1. Introduction
Growing energy needs demand significant improvement in efficiency of energy
production including the usage of nuclear power plants [1]. Prediction of the behavior of
structural materials under operational irradiation conditions is strongly wanted for it is crucial for
safe long term operation [2]. However, extending nuclear plants lifetime makes direct
experimental predictions impossible for the experiments must last decades to correctly reproduce
the corresponding radiation effects. Therefore, theoretical and computational approaches with
predictive capabilities become commercially important applications. Any practically useful
prediction that exceeds available experimental data should be a) based on the best available
theory and b) realized as a computational approach through the models of necessary scales. The
modern approach to generalized radiation damage theory, described in [3], is able to explain
qualitatively and, in many cases, quantitatively radiation-induced phenomena such as the effects
of recoil energy spectra and grain boundaries on swelling; void ordering and void lattice
formation; radiation induced segregation and radiation growth in anisotropic materials [3-10]. At
the moment this theory is the most promising candidate to provide the basis for predictive
modeling of materials behavior under irradiation. According to [3], in the commercially
important case of cascade-type damage (neutron, ions) and for a material with a low dislocation
density, d, the steady state rate of swelling S is independent on the irradiation dose  and can be
expressed as:
∅
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where (1-r) is the fraction of NRT-estimated defects (for NRT standard see [11]) surviving after
cascades,

is the fraction of self-interstitial atoms (SIAs) created in the form of one-

dimensionally (1-D) glissile clusters,

is the total sink strength in the system and
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1 is the

dislocation efficiency for absorbing vacancies. The swelling rate is proportional to

because 1-

D glissile clusters have a very low interaction cross-section with other defects. As a result they
do not recombine with vacancies in the bulk but have a long mean free path (of the order of μm)
and usually are absorbed by grain boundaries or dislocations which increases the vacancy
supersaturation. This is called “production bias” and it appears exclusively due to a) direct
formation of SIA clusters under cascade damage conditions and b) ability of interstitial clusters
to glide one-dimensionally. Production bias together with the conventional “dislocation bias”
defines radiation swelling and many other radiation effects. Eq. (1) looks quite simple but
describes the most important consequence of cascade-type irradiation and has successfully
explained the recoil energy effect on swelling [4] from the contribution of the production bias.
Eq.(1) presents the limit case when SIA clusters glide fast i.e. the known case of perfect pure
metals. In the more general, i.e., when cluster’s glide speed can be affected by the local
environment, the production bias contribution depends on the cluster mean free path that, in its
turn, is defined by the cluster diffusivity. It is therefore obvious that by affecting the formation of
glissile clusters and/or their 1-D motion one can control a significant contribution to the radiation
swelling and other related effects. Note that addition of certain alloying elements has been
successfully used over years to control many radiation effects, including swelling, in a purely
empirical way.
In this paper we report our results from a study of the effect of nickel impurity in iron on
1-D glide of interstitial clusters/dislocation loops. There are several reasons for the choice of this
system. First, ferritic alloys are widely used structural material in nuclear energy. Second, Ni is
known for its ability to stabilize gamma-Fe phase in stainless steels. However, the knowledge of
its effect on radiation resistance in ferritic steels is rather limited: There is some evidence that Ni
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affects Cu-precipitate evolution [12], dislocation loop populations [13], mechanical properties
[14] and, possibly, swelling [15]. Third, the set of interatomic potentials available Fe-Fe [16],
Fe-Ni [17] and Ni-Ni [18] provides a very realistic description of Ni in ferritic alloys due to a
thorough fitting to a number of ab initio properties in the Fe-Ni system. Moreover, a recent
multi-technique ab initio study of Ni-impurity interactions with screw and edge dislocations in
Fe [19] has confirmed the high accuracy of the Fe-Ni potential from [17]. This is because Ni in
Fe is in a paramagnetic state and the magnetic effects, that complicate the description of Cr or
Mn impurity in Fe, are negligible for Ni.
In this work we carried out an extensive study of interstitial cluster/dislocation loop
mobility in Fe-Ni alloys using different atomic level techniques to discover the strong effect of
Ni on SIA cluster trapping and reducing their mobility and used the results to predict
qualitatively some properties of irradiated Fe-Ni ferritic alloys. The structure of the paper is the
following. In Section 2 we describe briefly the atomistic techniques used. The results describing
Ni effects on interstitial clusters mobility are presented in Section 3 and the predicted effects
under irradiation are summarized and discussed in Section 4.

2. Modeling approaches.
We have used molecular dynamics (MD) and molecular statics (MS) techniques.
Conventional MD was used to model thermally activated motion, e.g. diffusion of interstitial
clusters in bcc-Fe with different Ni content, from 0.8 to 2.5at.% over a wide temperature range
from 300 to 900K. A detailed description of our diffusion modeling approach for clusters
performing 1-D motion can be found in previous work on pure Fe [20, 21] and Fe-Cr alloys [22].
The system size for the MD study varied from ∼15000 to ∼45000 mobile atoms depending on
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the cluster size (NSIA) that varied in the range of 7 – 61 SIA. We have modeled diffusion up to a
few hundred nanoseconds to accumulate statistically significant number of cluster jumps and
long enough trajectories. The MD results were used to determine the diffusion coefficients by
different methods as described in [23] and applied in [20, 21]. According to [23], the cluster
diffusion coefficients can be obtained by treating cluster jumps and their correlations or
decomposing their trajectories according to jumps (trajectory jump decomposition –TJD) or time
segments (trajectory time decomposition – TTD). If the simulation of each trajectory is long
enough, all diffusion coefficients are similar as demonstrated in [20–23]. The effective migration
energy, E*m, can then be estimated from the Arrhenius-type plot. We also have analyzed
particular mechanisms using visualization methods.
MS simulations were carried out in systems from ∼230000 to ∼627000 atoms. MS was
used to calculate the cluster-Ni interaction energy by relaxing particular configurations.
However, particular impurity distributions can be quite different and lead to quite different total
interaction energies and migration barriers especially in concentrated alloys. We therefore used
two MS-based approaches.
In the one, the elementary contributions to the total energy state of the cluster in the alloy
were calculated by locating a Ni atom in a position in the atomic rows normal to the cluster habit
plane. Cluster-Ni binding energy versus row position and distance to the cluster habit plane were
obtained.
In the other, we sampled different configurations over a particular Fe-Ni alloy using the
approach developed in [22]. In this model, a crystal, with randomly distributed Ni atoms with a
particular concentration, CNi, was simulated. The SIA cluster was then inserted in the crystal and
relaxed. Then the cluster position was shifted by the Burgers vector, b=½<111>, and the system
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was relaxed again. The process continued until all the configurations along the <111> directions
were tested. If the sampled path is long enough all the possible configurations are tested. Here
we studied N=1000 positions (crystal length along <111> direction was 1000|b|≈250nm). The
effective binding energy,

, depends on the temperature T and is defined as:
∑

where k is the Boltzmann constant,

,
and

(2)

are the minimum and the current potential

energies calculated after each relaxation in the system containing a NSIA cluster in the alloy with
Ni concentration. In this approach the true migration energy also includes the local barrier
for the cluster migration so that the effective migration energy is:
.
We did not obtain
pure Fe,

(3)

for each configuration instead we used the corresponding barriers in

0, [22] understanding that this is the lower value approximation.

Such a combination of techniques is necessary when a wide range of Ni concentrations is
studied. MD provides robust results for small cluster dynamics in dilute alloys when the total
interaction is weak and migration energy is not too high. However, at high concentration the
migration energy for large clusters can increase well above 1eV which makes MD ineffective in
accumulating statistics of cluster jumps. Sampling multiple configurations provides statistically
averaged values of

suitable for estimations of diffusion coefficients. It is important

to provide a cross-verification of techniques that is possible for small clusters in dilute alloys.

3. RESULTS
3.1 Dynamics of interstitial clusters in F-Ni alloys.
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MD has been successfully applied for modeling small clusters, NSIA ≤19, in low-Ni
alloys, CNi ≤2.5 at.%. For these cases modeling over a few hundred nanoseconds provides robust
and statistically significant results for estimating diffusion coefficients, i.e. error bars for these
cases are visually smaller than symbols on plots. The results for 7 and 19SIA in CNi = 0.8 and 2.5
at.% alloys are presented in Fig.1. One can note the linear plots for pure Fe and 0.8 at.% Ni alloy
and strongly curved behavior for 2.5 at.% Ni alloy. Both the diffusion coefficients and migration
energies, estimated by fitting to the Arrhenius law and indicated in the Fig.1, demonstrate a
visible effect of increasing Ni content. Thus, at low temperature the diffusivity drops ~10 times
for the 7SIA cluster and ~100 times for the 19SIA cluster while their migration energy increases
from 0.05 and 0.04 eV in pure Fe to 0.18 and 0.25 eV in 2.5at.% Ni alloy. Larger clusters were
simulated only in the lowest Ni content alloy. Even in this case a very long simulation time is
necessary to obtain a reasonably accurate event statistics and this, together with the increased
system size for large clusters, demanded very large computational resources. The results for 0.8
at.% Ni alloy are presented in Fig.2. At the highest temperature, 900K, all diffusivities differ by
~3-4 times while at the lowest, 300K, the difference is above two orders of magnitude. This is
mainly due to a significant decrease in low temperature mobility. In fact we could not observe a
long-range motion of ≥37SIA clusters in ≥2.5at.% Ni alloys at medium and low temperature
even up to a few hundred ns. A visualization analysis shows that clusters of 37 and 61 SIAs
move forward and backward over a limited distance between particular configurations in a kind
of oscillating manner. Decomposition of their trajectory formally results in a certain value of the
diffusion coefficient however no long range motion of these clusters was observed at T≤600K.
This means that their migration involves much longer correlations, of the order of many tens
nanoseconds, and its treatment within conventional MD demands two-three orders of magnitude
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longer simulation time compared to that applied in this work. Such a pinning is due to the high
binding energy of particular configurations, as addressed below. At high temperature these
clusters can unpin and move in a smoother way as reflected in Fig.2.
3.2 Interaction between interstitial clusters and Ni atoms.
In this section we present MS results on the interaction between SIA clusters and Ni atoms. Fig.3
shows schematically a hexagonal cluster of 61 SIAs. The numbered positions indicate the
intersection of atomic rows perpendicular to the cluster habit plane in the <111> direction along
which we calculated interaction energy as a function of the distance from the substituted Ni atom
to the cluster habit plane. The results for 7 and 61 SIA clusters are presented in Fig.4. These data
show that Ni-substitution has a positive binding energy inside the cluster glide prism, i.e., within
the compression region. There is no possibility to verify these properties directly with either
experiment or first principle modeling. However, recent progress in density functional theory
(DFT) based on the locally self-consistent multiple scattering method (LSMS) makes it possible
for the ½<111>(110) edge dislocation [19]. A combination of DFT+LSMS and MS was used in
[19] to model interactions between some solutes, including Ni, with edge and screw dislocations.
In the case of Ni the maximum binding was found to be 0,19eV in the site with the maximum
compressive pressure. The same site also had the maximum binding energy, 0.22 eV, when an
infinite edge dislocation was modeled with the current set of interatomic potentials. These
energies are very close and we therefore accepted the above results for Ni – SIA cluster
interaction as the most accurate possible to date. This interaction increases the cluster effective
migration energy, E*m, when it glides through the Fe-Ni alloy matrix. In the first approximation,
E*m = Em + Eb, where Em is the cluster migration energy in pure Fe and Eb is the local binding
energy. This can be applied directly for the case of dilute alloys when only one Ni atom interacts
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with the small cluster. In principle, with all interaction energies similar to those presented in
Fig.4, it is possible to estimate the total effect that includes the statistics of Ni distribution for
large clusters and concentrated alloys. However, because of the great variety of local
configurations and possible fluctuations in Ni concentrations such a model would be either quite
complicated or too approximate. We therefore applied the MS-sampling technique described in
Section 2 to account for the statistically averaged interactions of some clusters and alloys. The
results for NSIA = 7, 19 and 37 are presented in Fig.5 showing E*m as a function of Ni
concentration. The results for 7 and 19 SIA in the 0.8 and 2.5 at.% Ni alloys are very close to the
MD data (solid circles in Fig.5), thus validating the main approximations of the model. Fig.5
therefore gives a quite accurate estimation of the statistically averaged effective migration energy
for clusters in alloys which are not amenable to the conventional MD modeling. Using this one
can estimate the cluster effective diffusion coefficient D*NSIA of NSIA interstitials in the random
alloys with CNi concentration:
∗

=

∗

∗

.

The main issue here is the pre-exponential factor

∗

(4)
which, in general, depends on NSIA and

CNi. It also may depend on other factors such as temperature (see Fig.1 where the cluster
diffusivity deviates from the Arrhenius law). We introduce the reduced mobility factor, BNSIA,
defined as the ratio of the cluster diffusion coefficient in an alloy over that in pure Fe:
∗

/

∗

0 .

(5)

Assuming that some contributions to the cluster pre-exponential factors may have similar
dependences in pure Fe and Fe-Ni alloy, the errors cancel and this factor is more accurate than
the diffusion coefficients themselves.
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The results for NSIA=7, 19 and 37 with CNi =2at% and 10at.% are presented in Fig.6. For
cross-verification issues, we also present MD results for 7 and 19 SIA clusters in Fig.6a which
are very close to MS-sampling. The results presented in Fig.6 for large clusters in concentrated
alloys provide information that would not be possible to obtain in direct MD modeling of
thermally-activated SIA cluster motion through the Fe-Ni alloys. The 37SIA cluster in the
2.5at.% Ni alloy had its mobility reduced by seven orders in magnitude at room temperature and
more than 1000 times at 600K (Fig.6a). All effects are much stronger at 10at.% Ni as seen in
Fig.6b. We did not study

>10at.% for we wanted to consider only ferritic alloys.

4. Discussion.
The main results obtained in the present research are summarized in Fig.6 demonstrating
the effect of Ni impurities in reducing SIA cluster mobility in Fe-Ni alloys in some particular
cases. The issues of modeling and statistical treatment were discussed above and here we discuss
only the implications of the results received.
The reduction of the SIA cluster diffusivity in a Fe-Ni solid solution is related eventually
to its interaction with Ni atoms. Ni exhibits an attractive interaction with the compressed region
of the dislocation loop, which practically vanishes to zero in the loop center. In a random solid
solution, the interaction energy depends strongly on the number of Ni atoms 'in contact' with the
loop core inside the glide prism, which increases with NSIA and

. However, the increase of

the apparent migration barrier, i.e. the value extracted from the MD simulations, is defined not
by the absolute value of the interaction energy

but by its variation over the alloy

volume (see Eq.(2)). The stronger the variance, the higher the effective migration barrier
(see Eq.(3) and [22] for Fe-Cr solid solution). Apparently, the value of

11

is

high enough to observe the total suppression of 37SIA cluster mobility in MD simulations at
T≤600K in Fe-0.8%Ni alloy. Note that these results should be taken as rather accurate due to the
positive verification by DFT modeling for the edge dislocation described above.
For a better understanding of the role of 1D glissile SIA clusters in radiation damage of
Fe-Ni alloys, we first summarize relevant information obtained in previous extensive modeling
of high-energy displacement cascades [24-28] and defect cluster properties [21, 25,30-32] in Fe:
- Self-primary knock-on-atoms, which reproduce the neutron irradiation case, with
energy above ~5keV produce displacement cascades. The maximum energy cascades are about
20-25keV whereas at higher energy extensive formation of sub-cascades is observed.
- 25keV cascades produce on average ~75 Frenkel pairs (FPs) although some cascades
produce more than 100 FPs. Clusters of up to a few tens SIAs form directly in cascades [24-28].
- Clusters of NSIA≥7 are in fact ½<111> dislocation loops that perform fast 1-D
thermally activated glide with a very low activation energy E*m <0.1eV.
- The fraction of SIAs produced in the form of glissile clusters is

≈0.1-0.35 depending

on the ambient temperature, interatomic potentials used, PKA energy, etc. Further cascade
annealing results in additional recombination reducing this fraction closer to the experimentbased estimations, ~0.1 [33].
These findings in conjunction with the modern theory for radiation damage evolution [3],
enabled some long-standing experimental observations to be understood and rationalized selfconsistently. One of the most important theoretical results is understanding the effect of recoil
energy difference between electron, ion and neutron irradiation [4] where the main role is
attributed to the formation of 1-D glissile SIA clusters in high energy cascades. The direct
connection between these features and swelling under neutron irradiation is expressed in Eq.1
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above. However, the consequences of the clusters are not limited only by swelling. 1-D gliding
clusters reduce the number of dislocation loops (so-called matrix damage) for they are primary
absorbed on grain boundaries and dislocations. These clusters also decorate pre-existing
dislocations thus immobilizing them and, according to the cascade induced source hardening
(CISH) model [32, 34] increasing the yield stress in irradiated materials. Also, ½<111> glissile
loops interacting with each-other create <100> loops by the mechanism described recently [35].
Such loops are frequently observed in Fe and some ferritic alloys (see discussions in [35, 36]).
The results presented in Fig.6 demonstrate that by adding Ni impurity to Fe the mobility
of SIA clusters can be reduced up to complete immobilization depending on cluster size, Ni
content and ambient temperature. Under irradiation this can lead to the following effects:
First, due to their reduced mobility, the SIA clusters will participate in recombination
reactions with vacancies thus reducing the production bias (Eq.1) and therefore the total swelling
of the material. This effect can be very strong because, as demonstrated earlier, the interaction of
vacancies with small SIA clusters is much stronger than that with dislocations [37]. This is due
to the high pressure inside the cluster glide prism and high cluster mobility.
Second, reduction in the vacancy supersaturation level and corresponding decrease in
swelling, reduces the contribution of voids to hardening. However, ½<111> clusters left in the
bulk and possibly decorated by Ni atoms may contribute significantly in matrix hardening and
compensate for the loss of the void contribution.
Third, concentration of ½<111> dislocation loops should be increased in comparison
with pure Fe where a vast majority of them are absorbed at grain boundaries and dislocations by
1-D glide. Consequently the mean cluster size should be smaller than in pure Fe where small
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clusters glide out and only large clusters formed by cluster-cluster coalescence are left due to
their reduced mobility.
Fourth, according to [35] reactions between ½<111> clusters/loops leading to the
formation of <100> clusters occur in a rather narrow size range, NSIA~30-50. Therefore
immobilization of these clusters reduces the probability of <100> cluster/loop formation
Fifth, slowing down or immobilizing the glissile clusters should reduce or even prevent
dislocation decoration and thus reducing the CISH contribution [32, 34] which is a positive
factor in view of the plastic instability observed in irradiated materials beyond a certain dose.
So far, not much is known experimentally about the role of Ni in radiation induced
microstructure evolution. Neutron irradiated pure Fe and Fe-0.7Ni were studied in [13]. The
damage microstructure included <100> and ½<111> interstitial dislocation loops, whose size,
number density and relative fraction were found to be affected by Ni. For example, in pure Fe
90% of the loops were of <100> type whereas in the Fe-Ni alloy 75% of loops had b = ½<111>
but their number density increased and size decreased. More recently, pure Fe and a number of
RPV-model alloys (including Fe with 1, 2, 3 and 5 wt.% Ni and Fe-0.2C-1Ni) were irradiated by
neutrons and their microstructure was studied [38]. In pure Fe, the vast majority of SIA
dislocation loops were of <100> type with only a few loops with b=½<111>. Voids were also
observed in agreement with previous experimental studies [39]. However, unlike in pure Fe, a
dense population of fine, hardly resolvable features was observed in the Fe-Ni alloys. These
features are expected to be ½<111> loops. Voids were not observed by TEM in the Fe-Ni alloys.
TEM studies also concluded a general decrease of the radiation damage in higher Ni content
alloys. Consistently with the TEM observations radiation induced increase of tensile strength and
micro-hardness was found to be weaker in higher-Ni alloys.
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The main observations in the above mentioned experiments are fully consistent with the
implications resulting from the immobilization of ½<111> loops by Ni atoms. However, in-depth
understanding of how Ni affects radiation damage in ferritic alloys needs more experimental
work. The list of effects and predictions presented above is incomplete and can be expanded
even towards quantitative predictions if the approach suggested here is extended to more
complicated systems and combined with the modern theory of radiation damage in materials.

5. Conclusions
The set of atomistic techniques and the accuracy of the interatomic potentials used in this
research allowed reliable results to be obtained on the influence of Ni solute atoms on the
interstitial cluster/dislocation loop mobility in Fe. These results, in turn, can fit properly in the
modern approach to the generalized radiation damage theory that should be able to complement
realistically the lack of experimental data. The predictions derived here may be useful in
designing future experiments.
The main points of the paper can be summarized as following.
1. The case of Fe-Ni alloys was chosen because of: i) availability of accurate
interatomic potentials for Fe-Ni system; ii) the need for a highly predictive theory due to a
significant lack of experimental data and iii) expectations found in the literature that these alloys
have potential for future nuclear energy applications.
2. Three atomic-scale modeling techniques were used to study mobility of clusters of 7
to 61 interstitials in Fe alloys with Ni concentrations from 0.8 to 10 at.%.
3. Molecular dynamics was used to model thermally activated motion directly in the
case of small clusters and low Ni concentration. Direct interactions between Ni-atoms and
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interstitial clusters were studied in the Fe matrix by molecular statics. MS–based sampling and
statistical treatment of multiple configurations in alloys were used to account for the statistics of
interstitial cluster configurations in particular Fe-Ni alloys.
4. This combination of techniques, being cross-verified, allowed data to be obtained for
macroscopic cluster behavior with high accuracy at atomistic level.
5. Effective activation energies for cluster motion obtained for different clusters and
alloys indicate that Ni atoms suppress cluster mobility up to complete immobilization. The effect
is stronger for larger clusters and higher Ni content.
6. The results obtained provide a scenario explaining the differences in the
microstructural evolution between pure bcc Fe and Fe-Ni alloys observed in the scarce
experimental studies and may help in designing the new experiments.
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Figure captions
Fig.1. Diffusion coefficients of 7 and 19 SIA clusters in pure Fe and alloys with 0.8 and
2.5 at.% Ni calculated by time trajectory decomposition (TTD) method. The average migration
energies are indicated on the top.
Fig.2. Diffusion coefficients of SIA clusters estimated by MD in Fe-0.8at.% Ni alloy
compared with those in pure Fe.
Fig. 3. Schematic presentation of a 61-site hexagon in {111} plane. SIA cluster was
created by splitting the shown lattice sites along the <111> directions perpendicular to the plane.
After relaxation this results in a prismatic dislocation loop with Burgers vector ½<111> and
{111} habit plane. Numbered sites indicate cross-sections with atomic rows where Ni
substitution was inserted to define cluster-Ni binding energy.
Fig.4. Dependence of Ni-substitution binding energy on the distance to the 7 and 61 SIA
cluster habit plane along <111> atomic rows indicated in Fig.3. Circle symbols indicate sites
inside the cluster glide prism whereas triangular symbols those outside.
Fig.5. Effective cluster migration energy estimated by MD (full symbols) and by MSsampling (open symbols) as function of Ni concentration in Fe-Ni random alloys
Fig.6. Temperature dependence of the reduced mobility factor estimated for different
clusters in Fe-Ni alloys with a) 2 at.% Ni and b) 10 at.% Ni. Fig.6a also contains MD obtained
values for NSIA =7 and 19 (solid symbols).
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